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In this work, poly(3-hexylthiophene) (P3HT) films prepared using the matrix-assisted pulsed laser 
evaporation (MAPLE) technique are shown to possess morphological structures that are dependent on 
molecular weight (MW). Specifically, the structures of low MW samples of MAPLE-deposited film are 
composed of crystallites/aggregates embedded within highly disordered environments, whereas those 
of high MW samples are composed of aggregated domains connected by long polymer chains. 
Additionally, the crystallite size along the side-chain (100) direction decreases, whereas the 
conjugation length increases with increasing molecular weight. This is qualitatively similar to the 
structure of spin-cast films, though the MAPLE-deposited films are more disordered. In-plane carrier 
mobilities in the MAPLE-deposited samples increase with MW, consistent with the notion that longer 
chains bridge adjacent aggregated domains thereby facilitating more effective charge transport. The 
carrier mobilities in the MAPLE-deposited simples are consistently lower than those in the solvent-cast 
samples for all molecular weights, consistent with the shorter conjugation length in samples prepared 
by this deposition technique. 
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t  INTRODUCTION 
Guided by molecular design principles, 
conjugated polymers may be synthesized to 
possess a diverse range of physical properties, 
rendering them useful for commercially diverse 
applications, including xerography,1 organic 
light-emitting diodes (OLEDs),2,3 organic thin-
film transistors (TFTs)4 and organic 
photovoltaics (OPVs).5,6 Unlike their inorganic 
semiconductor counterparts, conjugated 
polymers offer advantages of solution 
processability and mechanical flexibility. 
Moreover, they have the added advantage that 
through exploiting molecular design principles, 
conjugated polymers may be synthesized to 
possess a diverse range of physical properties.  
The physical properties and performance of 
conjugated polymer-based devices greatly 
depends on morphology -charge carrier 
mobilities depend on details of the 
morphological structure. The morphology is 
determined by factors that include the chemical 
structure of the polymers, the preparation 
methods, pretreatment and wettability of the 
substrates, the solvent used for film deposition 
and the post-annealing – solvent vapor and 
temperature processes.7–12 With regard to 
methods of preparation, thin films of 
conjugated polymers are typically deposited 
using solution-based methods, which offer the 
advantages of simplicity, low-cost and potential 
scale-up. Nevertheless, solution-based direct 
fabrication methods have inherent challenges; 
it is difficult to fabricate layered nanostructures, 
and preparing films on substrates with poor 
wettabilities. A novel vacuum-assisted 
fabrication technique called matrix-assisted 
pulsed laser evaporation (MAPLE) has been 
used to fabricate films of polymers, proteins, 
small molecules and nanoparticles13–17 without 
the aforementioned limitations of solution-
deposition, and with added advantages such as 
fabricating ultrastable polymer glasses or 
growing polymer crystallites with an extremely 
slow and controllable rate.18,19 Unlike other 
vacuum deposition techniques of polymers, the 
film deposition process in MAPLE involves the 
absorption of light with a specific wavelength 
from a laser by a frozen dilute polymer/solvent 
mixture. Specifically, the sacrificial host solvent 
is chosen such that it absorbs the majority of 
the laser energy, thereby altogether avoiding 
the photochemical degradation of the guest 
polymer. Prior studies have demonstrated that 
the chemical structure, molecular weight and 
molecular weight distribution are maintained 
through judicious choice of the MAPLE 
deposition parameters.20–22  
MAPLE has successfully been used to grow thin 
conjugated polymer films for various organic 
electronic applications.20–30 Our prior research 
has begun to elucidate fundamental 
connections between crystallization, 
morphology, electronic structure and carrier 
transport in MAPLE-deposited conjugated 
polymer films.23,29,31,32 An important, yet poorly 
understood problem is understanding the role 
of molecular weight on the structure and 
physical properties of conjugated polymers 
deposited by the MAPLE technique. To this end, 
we report a study of the connection between 
the structure and in-plane charge transport 
properties of poly(3-hexylthiophene) (P3HT) 
films of varying molecular weights (Mn: 2.8 kDa, 
4.7 kDa, 10.8 kDa and 21.5 kDa) deposited by 
both MAPLE and conventional spin-casting 
techniques. Using grazing-incidence wide angle 
X-ray scattering (GIWAXS) and UV-vis 
absorption spectroscopy, we show that for the 
same molecular weight, MAPLE-deposited 
samples were more disordered, with smaller 
crystallite/aggregate sizes in comparison to 
spin-cast films. The effects of MW on crystallite 
sizes, disorder parameters, and conjugation 
lengths of MAPLE-deposited films are very 
similar to those of spin-cast films. However, the 
effects of MW on surface topographies are very 
different for the two processes. A 
comprehensive UV-vis absorption study 
supports the notion that similar to spin-cast 
samples, the low MW samples of MAPLE-
deposited films are composed of 
crystallites/aggregates embedded within a 









t  highly disordered (amorphous) environment, whereas the high MW samples comprise long 
polymer chains that bridge multiple aggregated 
regions. This bridging that occurs within the 
high MW samples facilitates easier movement 
of charges throughout the films via various 
percolation pathways, thereby increasing 
carrier mobilities as revealed by the 
complementary in-plane carrier mobility 
measurements.    
EXPERIMENTAL  
Polymer synthesis 
P3HT with different molecular weights were 
synthesized using catalyst transfer 
polycondensation (CTP) methods following the 
previously reported procedure.33–36 More 
details of the synthesis method and GPC traces 
are listed in the Supporting Information. Mw, Mn 
and the polydispersity index Đ of the four 
polymer batches synthesized in this work is 
summarized in Table 1. 
Table 1: Mn, Mw and polydispersity index Đ of 







Samples preparation  
All substrates were unltrasonicated in an 
Alconox® detergent solution, DI water, acetone, 
boiling Hellmanex® solution and 2-propanol for 
5 min each, followed by UV-ozone cleaning for 
20 min. UV-vis absorption measurement were 
performed on polymer films supported by glass 
substrate. Thin film transistor (TFT), grazing 
incidence wide angle X-ray scattering (GIWAXS) 
and atomic force microscopy measurements 
were performed on polymer films deposited on 
highly doped Si with 300 nm of thermally-grown 
SiO2 (SiO2/Si) substrates. Prior to polymer 
deposition, a self-assembled monolayer of 
octadecyltrichlorosilane (OTS) (Sigma-Aldrich) 
was grown on all substrates by immersing the 
bare substrate in a mixture of OTS and 
hexadecane (1:250 by volume) for 14 hours 
while stirring.  
Solutions of P3HT at different molecular 
weights were prepared by dissolving the 
polymers in o-dichlorobenzene and shaken 
overnight before filtering with a 0.45 µm filter. 
The filtered solutions were then spun onto the 
prepared substrates at 600 rpm for 3 min to 
make spin-cast films. For each molecular 
weight, the P3HT concentrations were fine-
tuned to get the final film thickness of 
approximately 100 nm. 
Our MAPLE deposition system built by PVD 
Products is equipped with an Er:YAG laser 
(Quantel) that produces a peak wavelength of 
2.94 µm. In order to deposit thin conjugated 
polymer films, we utilized the emulsion-based 
MAPLE method. In this approach, a 5 mg/ml of 
solution of P3HT and a good organic solvent o-
dichlorobenzene was mixed with benzyl alcohol 
and deionized (DI) water (containing 0.005 wt.% 
sodium dodecyl sulfate surfactant) at the 
1:0.3:3 ratio. The mixture was then shaken and 
ultrasonicated to generate a homogeneous 
emulsion. The emulsion was injected into a pre-
cooled target cup (ca.−150 °C) inside the 
deposition target chamber and “flash-frozen.” 
The chamber was then pumped down to a 
pressure below 2 × 10−5 Torr prior to deposition. 
To maintain uniform ablation, the target cup 
and the substrate holder were rotated at a 
constant angular velocity, while the laser 
(fluence ∼1.3 J/cm2 at a repetition rate of 5 Hz) 
was rastered across the surface of the target 
material. Each substrate was suspended face-
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t  The deposition time was 5 hours. The thickness of each MAPLE-deposited film was 100 nm, the 
same thickness as the spin-cast films, as 
confirmed using AFM and spectroscopic 
ellipsometry.  
Grazing incidence wide angle X-ray scattering 
(GIWAXS) 
GIWAXS measurements were performed at 
beamline 8-ID-E of the Advanced Photon Source 
(Argonne National Laboratory) with 10.86 keV 
(λ = 0.11416 nm) synchrotron radiation.31,37 The 
measurement time was 4 sec per frame and 
samples were enclosed and measured inside a 
low vacuum chamber (10-3 mbar) to minimize 
concerns about radiation damage as well as to 
prevent extraneous scattering from ambient air. 
During GIWAXS measurements, the samples 
were tilted at an angle of incidence of 0.14° 
with respect to the beam. This angle was 
chosen to be above the critical angle of the 
polymer films (0.129°) yet below the critical 
angle of the Si substrates (0.166°) in order to 
probe the entire thickness of the polymer films. 
Four data sets were taken from 4 different 
spots on each sample; the data sets were 
averaged to further enhance the signal-to-noise 
ratio. All scattering was recorded using a Pilatus 
1MF pixel array detector (pixel size = 172 µm) 
positioned 228 mm from the sample. Each data 
set was stored as a 981x1043 32-bit tiff image 
with 20-bit dynamic range.  The Pilatus detector 
has rows of inactive pixels at the border 
between detector modules. To fill these gaps, 
after each measurement the detector was 
moved to a new vertical direction and the 
measurement on each spot was repeated. The 
gaps were filled by combining the data from 
two detector positions. This procedure was 
implemented using the GIXSGUI package for 
MATLAB.38 The signals were output as intensity 
maps in (qy, qz)-space also by using the GIXSGUI 
package. The GIXSGUI package was used to 
correct the images for detector nonuniformity, 
detection efficiency, the polarization effect and 
solid-angle variation. 
To construct the partial pole figure of each 
sample, wedge cuts with an angular breadth of 
1° were extracted from the GIWAXS 2D 
diffraction pattern using GIXSGUI. Each wedge 
cut was first fit to an empirical baseline function 
to subtract the background intensity and 
amorphous scattering. The background-
subtracted wedge cut was then fit to a Voigt 
function to extract the integrated intensity as 
well as the full width at half maximum (FWHM) 
of the reflection of interest (100). The 
integrated intensity of each peak was reported 
as a function of the polar angle χ between the 
scattering vector and pole vector.  
Ultraviolet-visible (UV-vis) absorption 
spectroscopy 
The ultraviolet−visible (UV−vis) absorption 
spectroscopy measurements were performed 
using a Lambda 750 UV/vis/ NIR 
Spectrophotometer (PerkinElmer Inc.) and 
analyzed with the Spano model. Additional 
information is included in the Supporting 
Information.   
In-plane mobility measurements  
Top-contact, bottom-gate transistor 
configurations were used to fabricate 
transistors on which in-plane mobility 
measurements were performed. The size of the 
device used in our work was ca. 0.5 x 0.5 inch. 
Each thin film transistor was prepared using 
OTS-treated substrate. After deposition of 
polymer films, source and drain silver 
electrodes (Kurt J. Lesker) were vacuum-
deposited on top of the polymer film at a rate 
of 0.5 A/s; each transistor had a channel length 
and width of 50 µm and 500 µm, respectively.  
In-plane hole mobilities (µ) were measured 
using the Agilent 4156C Parameter Analyzer. 
The hole mobility was extracted from the drain 
current IDS by fitting the transfer curve in the 
saturation regime (VD = -80 V) using the 
following equation:  
 (1) 









t  In this equation, W and L are the channel width and length, Ci = 10 nF/cm2 is the capacitance 
per unit area of the insulating SiO2 layer, Vg and 
Vt are the gate and threshold voltage, 
respectively. The mobility experiments were 
conducted in a nitrogen-filled glovebox at room 
temperature.  
Atomic Force Microscopy (AFM)  
Topographical images of the top and buried 
interfaces of P3HT films were probed using an 
Asylum Research MFP-3D stand-alone AFM in 
tapping mode with a CT300-25 Aspire probe 
(spring constant 40 N/m and radius of curvature 
of 8 nm). 
RESULTS AND DISCUSSIONS 
GIWAXS Patterns 
Shown in Figure 1 are GIWAXS patterns of spin-
cast and MAPLE-deposited films for different 
P3HT MWs on OTS substrates. For all samples, 
we observe the (100) side-chain diffraction peak 
predominantly in the out-of-plane direction and 
the (020) π-stacking diffraction peak 
predominantly in the in-plane direction, 
suggesting bias towards the edge-on 
orientation of polymer crystallites. In the 
diffraction pattern of the spin-cast sample at Mn 
= 2.8 kDa, besides the commonly observed 
(h00) and (0k0) diffraction peaks, we also detect 
two other series of diffraction peaks at qy~1.1 Å-
1 and ~1.6 Å-1 as indicated in Figure 1a. The 
appearance of extra diffraction peaks has been 
widely observed in low MW spin-cast P3HT 
samples before, which originates from the more 
ordered structure of low MW samples.8,39–41 The 
GIWAXS pattern of this sample is in fact very 
similar to the one reported by Himmelberger et 
al. for films of P3HT with MW ~ 1.8 kDa.41 
 
 
Figure 1: GIWAXS patterns of (a)-(d) spin-cast and (e)-(f) MAPLE-deposited samples at different MWs. 
Peak indexing shown in the GIWAXS patterns of the lowest MW for both MAPLE and spin-cast samples 
was performed following previous work of Himmelberger et al.41 The red arrows in figure (e)-(h) indicate 
the mixed-index peaks observed in MAPLE-deposited samples but not in spin-cast samples. 









t  Based on their analysis, we assign the peaks at qy~1.1 Å-1 and ~1.6 Å-1 as (11l) and (02l) peaks, 
respectively, where l = 0, 1, 2, 3…The diffraction 
patterns of spin-cast samples at other MWs 
appear qualitatively similar but the peaks 
become broader along both q and χ (polar 
angle) with increasing MW. This peak 
broadening indicates that as the MW increases, 
the film structure becomes more disordered 
and the polymer crystallite orientation becomes 
more random. Nevertheless, the similarity of 
the diffraction patterns for all MWs of spin-cast 
samples suggests that the unit cell of the low 
and high MW samples are likely  comparable, so 
the information retrieved from low MW could 
be applicable to higher MW materials.41  
For the same molecular weight, the diffraction 
patterns determined from spin-cast films are 
similar as those of MAPLE-deposited films; the 
peak shapes are however more diffuse. This 
suggests that MAPLE-samples have similar unit 
cell as spin-cast samples, but the structure is 
more disordered, which is consistent with our 
previous studies for a high MW commercial 
P3HT.23,29 This trend can be seen clearly by 
comparing the low MW data in Figure 1e and 
1a, where both types of films show the higher 
order (11l) and (02l) peaks at qy~1.1 Å-1 and ~1.6 
Å-1 ; the peaks are however much broader along 
the q and (angular) directions with MAPLE-
deposition compared to spin-cast samples. As 
the MW increases, the extent of disorder 
increases with either deposition method, and 
the extent of disorder at fixed MW is 
consistently larger in MAPLE-deposited films 
compared to spin-cast analogs. Additionally, 
some of the (11l) and (02l) diffraction peaks 
appeared at Mn = 2.8 kDa are not clearly visible 
at higher MW samples, possibly due to the 
overlapping of adjacent peaks. One distinction 
in the GIWAXS data for between the MAPLE 
deposited and spin cast techniques is the 
appearance of an extra diffraction peak in all 
MAPLE-deposited samples at q~1.48 Å-1; this is 
indicated by the red arrows in Figure 1(e)-(h).  
While this peak was not observed in the spin-
cast samples in our study, it has been detected 
in spin-cast samples fabricated using 
chloroform,42,43 a solvent known to produce a 
highly disordered morphologies due to its high 
volatility.10 The appearance of this peak in 
MAPLE-deposited samples in this study and in 
our prior study29 suggests that there is a higher 
degree of chain folding and twisting in P3HT 
films deposited using the MAPLE technique 
compared to the spin-cast P3HT films.    
Partial Pole Figures of (100) Diffraction Peak 
To quantitatively measure the distribution of 
polymer crystallite orientations within the 
samples, we constructed the partial pole figures 
of (100) reflection of all samples using the 
previously reported procedures.29,31 Figure 2 
depicts the normalized, geometrically corrected 
partial pole figures of (a) spin-cast and (b) 
MAPLE-deposited samples at different MWs. 
Here, χ is the polar angle between the substrate 
normal and the scattering vector along the side-
chain direction q100. We note that due to the 
geometry of the GIWAXS measurement, data 
for χ < 2° are not resolvable in our GIWAXS 
measurement, as indicated by the shaded areas 
in Figure 2.31  
 











Figure 2: Normalized partial pole figures of (100) reflection in (a) spin-cast and (b) MAPLE-deposited 
samples at different molecular weights. The shaded areas reflect the non-measurable regimes in 
GIWAXS measurement. The error bar was calculated from the uncertainty of the peak fitting. 
It is evident that all samples exhibit a large 
population of crystallites with average 
orientation near χ = 5°-15°, suggesting a bias 
towards the edge-on orientation. In spin-cast 
samples, the distribution along χ becomes 
broader with increasing MW, indicative of more 
random orientation of polymer crystallites. 
Moreover, the center of the distribution shifts 
to a higher value of χ, meaning that on average 
the side-chain within the polymer crystallites 
tends to orient away from the substrate normal 
with increasing MW. The trend in MAPLE-
deposited samples is similar but not as strong as 
in spin-cast samples. In MAPLE-deposited 
samples, the pole figure distributions are 
almost identical within experimental error for 
Mn at or below 10.8 kDa but slightly broader at 
Mn = 21.5 kDa. These results quantify the trends 
evident from inspection of the raw detector 
images in Figure 1.  
Crystallite Dimension and Disordered 
Parameters Measured by GIWAXS 
It is well-known that the broadening (or peak 
breadth) of a diffraction peak in GIWAXS 
measurement could originate from either 
crystallite size or cumulative disorder, or a 
combination of both.44 Therefore, in the first 
step we use the Williamson-Hall analysis to 
separate the contributions of crystallite size and 
disorder parameter across the side-chain 
stacking direction (100) of the samples. In brief, 
by fitting the full width at half-maximum 
(FWHM) of the (h00) reflections as a function of 
h2 to a linear fit, the slope of the fit can be 
related to the disorder parameter while the 
intercept is inversely proportional to the 
average crystallite size.45 Here, it is worth 
mentioning that there is an artificial source of 
peak broadening due to geometric smearing 
effect, as pointed out in our recent study.31 This 
effect is q-dependent and quite substantial in 
GIWAXS measurement because of the large 
footprint of the X-Ray beam. Therefore, we 
perform additional geometric correction for the 
FWHM using previously reported 
calculations,31,46 the details of which are shown 
in Supporting Information. Similar crystallite 
size/disorder analysis on the (020) π-stacking 
peak is unfortunately not possible due to the 
lack of higher order diffraction peaks of this 
reflection. Nevertheless, it has been shown that 
the broadening of the (020) peak in P3HT is 
mostly due to cumulative disorder.40,47 Thus we 
can estimate the disorder parameter 
(paracrystallinity) g of the (020) reflection using 
the peak breadth ∆q and peak position q0 
according to g ≈ [∆q /(2π/q0)]1/2.40,47 The MW 
evolution of crystallite dimension and disorder 









t  parameters along (100) and (020) directions are plotted in Figure 3.  
 
Figure 3: (a) The crystallite size across side-chain (100) direction and the disorder parameters across (b) 
side-chain and (c) π-stacking (020) direction. Peak shape analysis of (100) peaks was performed on data 
extracted from the wedge cuts taken at the detector angle ω = 0° (vertical direction), whereas analysis 
of (020) peaks was performed on data extracted from the wedge cuts taken at the detector angle ω = 
83° (nearly horizontal direction).  
As shown in Figure 3, for the same MW, the 
crystallite size is smaller but the extent of the 
disorder always larger in MAPLE-deposited 
samples. Along the side-chain direction (100), 
we observe a substantial decrease in the 
average crystallite size -from 26 nm to 14 nm in 
spin-cast samples and from 19 nm to 12 nm in 
MAPLE-deposited samples going from the 
lowest to the highest MW (Figure 3a). Together 
with the decrease in crystallite size along the 
(100) direction, we also observe the increase in 
disorder along (100) direction (Figure 3b) and π-
stacking (020) direction (Figure 3c) for both 
MAPLE and spin-cast samples. That the 
crystallite size decreases and the degree of 
disorder across side-chain and π-stacking 
directions increases with MW is well-known for 
solution-processed conjugated polymer 
films.8,40,47 The increasing disorder along the 
side-chain and π-stacking directions is believed 
due to the increase in degree of chain folding 
with increasing MW, a typical characteristic of 
semicrystalline polymers.48 The higher degree in 
chain folding manifests a larger population of 
re-entrant folded chains in a crystal domain, 
exerting more stress on the molecular packing. 
This likely results in more disorder and smaller 
crystallite size along intermolecular packing 
directions (100) and (020).49 The fact that 
similar behavior is observed in MAPLE-
deposited films suggests that the same chain-
folding phenomenon would also be responsible 
for their MW dependent behaviors.  
UV-vis Absorption Spectra 











Figure 4: UV-vis absorption spectra of (a) Spin-cast and (b) MAPLE-deposited samples. (c) The aggregate 
length, (d) disorder parameter and (c) the aggregate fraction as a function of MW.  
Information from UV-vis absorption spectra was 
used to calculate aggregate sizes, the fraction of 
aggregates as well as the disorder parameter 
along the backbone direction (001). It is 
important to note that because absorption in 
conjugated polymers occurs along the chain 
backbone, the UV-vis absorption measurement 
is more sensitive to polymer chains with in-
plane alignments. Nevertheless, our previous 
investigation using spectroscopic ellipsometry 
suggested the polymer chains both in MAPLE 
and spin-cast samples exhibited tendencies 
toward orienting parallel to the substrate.29 
Thus we believe that the result from our UV-vis 
absorption measurement discussed herein 
reflects the absorption of the majority of the 
aggregates within the samples. As shown in 
Figure 4a and b, for both MAPLE and spin-cast 
samples, the intensity of the vibronic shoulders 
at ca. 550 nm and 600 nm, respectively, that 
correspond to aggregate absorption of P3HT50 
increases with increasing MW, as indicated by 
the red arrows. This is suggestive of the growing 
fraction of the aggregates within the polymer 
films with increasing MW. The total absorption 
may be further deconvoluted into individual 
peaks by applying the Spano model, from which 
the exciton bandwidth W and the disorder 
parameter σ can be calculated.51,52 Then using 
the exciton bandwidth W we extract the 
aggregate length with the aid of a model 
developed by Gierschner et al. (see more details 
in Supporting Information).53,54 
Similar to data shown in Figure 3, for the same 
MWs, the aggregates are always larger in spin-
cast sample and the disorder parameter σ is 
always lower, suggesting a higher degree of 
disorder in MAPLE-deposited samples. 
Interestingly, for both MAPLE and spin-cast 
samples, the MW dependence of the aggregate 
lengths and disorder parameters along the 
(001) direction (Figure 4c, d) is opposite to the 









t  dependence in the (100) and (020) directions (Figure 3) -the aggregate length increases but 
the disorder parameter decreases with 
increasing MW. This suggests that a higher 
degree of chain folding for longer chains 
induces disorder along the intermolecular 
packing directions; it nevertheless does not 
affect intramolecular disorder.  For spin-cast 
films, the aggregate length increases from ca. 8 
nm at the lowest MW to ca. 14 nm at the 
highest MW, whereas the aggregate length 
increases from ca. 7 nm to ca. 10 nm for 
MAPLE-deposited samples (Figure 4c). To 
highlight the chain conformations at different 
MWs, we also plot in Figure 3c the fully 
extended length, defined as the full length of 
the aggregate at each MW in the absence of 
distortion/defects along the polymer chain. We 
observe that for spin-cast samples of chains 
with molecular weights at or below 4.7 kDa, the 
aggregate length is almost the same as the fully 
extended length, indicating that at these MWs 
the polymer chains inside the aggregates are 
nearly planarized, consistent with minimal 
distortions across the polymer backbone. 
Similar behavior is observed for MAPLE-
deposited sample at Mn = 2.8 kDa. For higher 
MWs, the aggregate length is significantly lower 
than the full extended length of the polymer 
chains (note the log scale of y axis), suggesting 
that a single polymer chain at high MW not only 
consists of planarized/aggregated segments but 
also coiled/amorphous segments as well. With 
regard to the highest Mn = 21.5 kDa, the 
aggregate length is only ca. 28% of the fully 
extended length in spin-cast sample and ca. 
20% in MAPLE deposited samples.  
The fraction of aggregate within the samples is 
calculated by comparing the absorption 
strength of the amorphous and aggregate 
portions using the approach by Clark et al,55 the 
result of which is shown in Figure 4e. 
Interestingly, despite the highly disordered 
structure, the aggregate fraction in MAPLE-
deposited samples is always higher than that of 
spin-cast films at the same MW. Notably, at Mn 
= 2.8 kDa the fraction of aggregate in MAPLE-
deposited sample is ca. 40% compared to ca. 
28% in spin-cast sample. As MW increases the 
aggregate fraction in both MAPLE and spin-cast 
samples increase accordingly and the 
differences between MAPLE and spin-cast 
samples diminish, consistent with our previous 
finding.23 At Mn = 21.5 kDa the aggregate 
fractions in MAPLE and spin-cast samples are 
ca. 48% and 45%, respectively. The higher 
aggregate fraction in MAPLE-deposited films 
could be interpreted as follows. As described in 
the experimental section, the target emulsion is 
fabricated by first adding benzyl alcohol (BnOH) 
into the P3HT solution in dichlorobenzene, 
followed by adding deionized (DI) water and 
then shaken and ultrasonicated. Addition of 
BnOH is necessary to suppress the sublimation 
of dichlorobenzene in the vacuum chamber 
prior to MAPLE deposition as well as to create a 
homogeneous emulsion.22 BnOH can also 
promote chain aggregations in P3HT solution 
due to the poor solubility of P3HT in it. This is 
apparent from the appearance of the aggregate 
shoulder in UV-vis absorption spectra 
measurement of dilute P3HT solution after 
adding BnOH, as shown in Supporting 
Information. Although we are not able to 
measure the absorption of the emulsion due to 
its opaque nature, we expect even higher 
aggregate contents after ultrasonicating 
because sonication has been known to assist 
self-assembly of P3HT chains in solution.56,57 
Therefore, it is likely that there exists a 
substantial amount of pre-formed aggregates 
inside the frozen target prior to film deposition. 
These aggregates could either be transported to 
the substrate intact or serve as nuclei and 
continue to grow during the deposition process 
before reaching the substrate. This results in 
the higher fraction of aggregates in MAPLE-
deposited films compared to their spin-cast 
analogs.  
Using the MW dependence of aggregate length 
and aggregate fraction, we were able to infer 
additional information about the morphology of 
the samples. As mentioned above, for both 
MAPLE and spin-cast samples, for low MWs we 









t  considered the polymer chains within the aggregates to be fully extended and conjugated, 
yet the aggregate fraction is low. We therefore 
conclude that for low MWs, both MAPLE and 
spin-cast samples must consist of a large 
portion polymer chains that is completely 
amorphous. On the other hand, at higher MWs 
the aggregate length is substantial smaller than 
the fully extended length, but the aggregate 
fraction is higher compared to low MW 
samples. This observation implies that the 
polymer chains at high MW likely bridge 
multiple aggregates together. For example, the 
aggregate length of spin-cast sample at 21.5 
kDa is ca. 28% of the total extended length but 
the total aggregate fraction is ca. 45%. Thus on 
average one single chain must participate in 2 
aggregates at this MW to account for the 
differences.54 MAPLE-deposited samples exhibit 
similar morphological transitions with 
increasing MW, but since they have shorter 
conjugation lengths and higher fractions of 
aggregates at each MW, the polymer chains in 
MAPLE-deposited sample should consist of 
more conjugated segments compared to the 
spin-cast analogs.  
AFM measurement 
 
Figure 5: AFM images of (a)-(d) spin-cast samples and (e)-(f) MAPLE-deposited samples at different 
MWs.  
The surface topographies of both MAPLE and 
spin-cast samples were measured using AFM. 
As depicted in the top row of Figure 5, the 
surface topographies of the spin-cast samples 
are strongly dependent on molecular weight. 
The spin-cast samples contain crystalline fibers 
whose widths decrease with increasing MW. 
The average widths of the fibers are 120 nm ± 
55 nm, 85 nm ±25 nm and 70 nm ±20 nm for 
the 2.8 kDa sample, 4.7 kDa sample and 10.8 
kDa sample, respectively. The sample of Mn = 
21.5 kDa also exhibits fiber-like structure with 
the average fiber width of 60 nm ± 15 nm, 
though the structure is not as well defined as 
those of the lower MW samples. The trends 
observed in our study here are consistent with 
previous published reports describing spin-cast 
samples, where the low MW films exhibit highly 









t  ordered fiber-like structure and the high MW films were less ordered.8,58 In stark contrast, the 
topographies of the MAPLE-deposited samples 
exhibit no discernable MW dependent 
behavior. Their topographies are globular, 
originating from the mechanisms of target 
ablation -the polymer-solvent clusters are 
ejected toward the substrate. The average 
diameters of the globules in all samples are 
approximately 150 nm ± 50 nm, which are 
significantly larger than the fully extended chain 
length of all MWs.  
The differences between the topographies of 
spin-cast and MAPLE-deposited samples may be 
understood from the following.  During the 
spin-casting process, as the solvent evaporates 
and the polymer chains solidify, the first step of 
crystallization involves the 
formation/nucleation of polymer aggregates. 
This is the  followed by the continuous 
development of the nucleated aggregates to 
form larger size aggregates and crystallites.59,60 
Due to their lower viscosity both in solution and 
solid states, the chains in low MW materials are 
more mobile compared to their high MW 
counterparts. In our study we fabricated spin-
cast films using a high boiling point solvent (o-
dichlorobenzene) with relatively slow spinning 
rate (600 rpm); hence the solvent evaporation 
time is sufficiently long for the development of 
large-sized, macroscopic-scale fiber structures 
in low MW samples. This leads to the strong 
MW dependence of surface topography in spin-
cast films. Experiments and simulations 
demonstrate that MAPLE deposition involves 
the ejection of polymer-solvent clusters toward 
the substrate after the laser pulses superheat 
the frozen target beyond the ablation 
threshold. The majority of solvent molecules 
inside the polymer-solvent clusters are 
removed during transport from target to 
substrate, forming polymer globules.61,62 While 
it is remains unclear whether the 
aggregates/crystallites form before or after 
reaching the substrate,29,31 the duration of 
transport from target to the substrate during 
MAPLE deposition is notably very fast (on the 
order of tens of microsecond).61 Under such 
condition, the solvent is rapidly removed, 
preventing low MW chains from forming well-
defined fiber structures as observed in the case 
of spin-cast samples. We suspect this is the 
reason why the surface of MAPLE-deposited 
samples all exhibit typical globular morphology 
regardless of the MW. This hypothesis is further 
corroborated by the observed differences in 
crystallite/aggregate size (Figure 3a, Figure 4a) 
and aggregate fraction (Figure 4c) between 
MAPLE and spin-cast samples. At all MWs, 
MAPLE-deposited samples exhibit smaller 
crystallite/aggregate size despite possessing 
larger fraction of aggregates. It could be that 
the fast removal of solvents during the 
transport process hinders the growth of 
crystallite/aggregate during MAPLE deposition, 
resulting in smaller crystallites/aggregates 
compared to spin-cast samples.  
Implications of morphology on in-plane charge 
carrier transport 
 
Figure 6: In-plane mobility of spin-cast and 
MAPLE-deposited samples on OTS-treated SiO2 
substrate as a function of MW. 
To understand the role of morphology on 
carrier transport, we fabricated bottom-gate, 
top-contact thin-film transistor (TFT) on OTS-
treated SiO2 substrate to study the in-plane 
transport characteristics of the samples without 
any post-treatment of the devices such as 









t  annealing. The in-plane mobilities in saturation regime (Vd = -80V) as functions of MW for both 
MAPLE and spin-cast samples are shown in 
Figure 6. The transfer characteristics from 
which hole mobility were extracted are shown 
in the Supporting Information. At all MWs, the 
mobilities of MAPLE-deposited samples are 
lower than the spin-cast analogs, consistent 
with the shorter conjugation length and smaller 
crystallite size in MAPLE samples. Except for the 
lowest Mn = 2.8kDa, the in-plane mobilities of 
spin-cast samples increase with increasing MW, 
exceeding 10-2 cm2V-1s-1 for the highest MW. 
This observation is well-known and expected. 
The mobility of carriers in the 2.8 kDa sample 
show a modest but reproducible enhancement 
compared to the 4.7 kDa samples, despite 
having a shorter conjugation length. It is 
possible that this improvement in mobility was 
due to the exceptionally crystalline and ordered 
fiber morphology of the 2.8kDa sample as 
suggested by AFM and GIWAXS measurements 
above. On the other hand, MAPLE samples 
show a more typical monotonic increase of 
mobility with MW. This is consistent with the 
AFM measurement suggesting that the 
molecular arrangement at the macroscopic 
micrometer scale of MAPLE-deposited samples 
is similar. Thus the differences in transport 
properties of MAPLE-deposited samples for 
different MWs must originate from the 
molecular arrangement at a more local scale. In 
other words, the enhanced conjugation length 
and domain connectivity with increasing MWs 
should be the dominant factor contributing to 
the enhanced carrier mobility of high MW 
materials.   
Finally, it is important to note that in our 
previous publications, we have shown that the 
in-plane mobilities in the high MW (ca. 20 kDa) 
MAPLE-deposited samples are superior to those 
measured in the high MW spin-cast 
samples.23,29 However, in this study, the 
opposite is shown to be true -the in-plane 
mobilities are higher in the spin-cast samples. 
This is most likely due to the higher 
regioregularity (RR) and lower Đ of the P3HT 
batches used in this study. As shown in the 
Supporting Information, increasing the RR and 
reducing Đ of P3HT significantly enhances the 
absorption strength of the aggregate shoulders 
in spin-cast films, indicating a higher degree of 
aggregation, leading to higher mobilities. The 
same effects have little impact on the structure 
and charge transport properties in MAPLE-
deposited samples, as indicated by the similar 
shapes of absorption spectra and similar values 
of carrier mobilities.  
CONCLUSIONS 
We showed that the structures of MAPLE-
deposited poly(3-hexylthiophene) films were 
more disordered than spin-cast P3HT films; 
details of the structures were moreover 
molecular weight dependent. This behavior has 
important implications on the carrier mobilities 
within these materials. The crystallite sizes 
along the side-chain direction (100) decreased, 
whereas the conjugation length increased, with 
increasing MWs. Additionally, the degree of 
disorder in the (010) and (100) directions 
increased with MW, consistent with a higher 
degree of chain folding in high MW materials. 
Through a careful analysis of UV-vis absorption 
spectra, the low MW samples were shown to 
consist of crystallites/aggregates embedded 
within a highly disordered amorphous matrix, 
whereas the high MW samples consisted of long 
polymer chains that connected the aggregated 
domains, in agreement with the chain-packing 
models for conjugated polymers. The 
implications of the morphology on charge 
transport were illustrated by studying the 
evolution of field-effect mobility as a function of 
MWs. Larger carrier mobilities measured in the 
higher MW samples are consistent with this 
notion -the importance of domain connectivity 
both at local and macroscopic scale regarding 
TFT transport. The lower carrier mobilities in 
the MAPLE-deposited samples are consistent 
with the shorter conjugation length that 
characterizes their structures. Our results 
highlight the strong connection between 









t  chemistry, processing, morphology and charge transport in conjugated polymers thin films. 
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